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Abstract 
For additive manufacturing such as laser powder bed fusion (LPBF), commercial aluminum alloy (AA) 6061 is 
typically considered unsuitable due to formation of solidification cracking and/or excessive porosity. In this 
study, to improve buildability/printability of AA6061, 1 wt% of Zr was alloyed to produce Zr-modified AA6061 by 
LPBF. Powders of unmodified and Zr-modified AA6061 were produced by gas atomization, and utilized as a feed-
stock for the LPBF to fabricate specimens for microstructural examination and mechanical testing. The as-built 
unmodified AA6061 exhibited poor printability due to formation of cracks and porosity in the microstructure 
regardless of LPBF parameters. However, the Zr-modified AA6061 exhibited near full density, with substantial 
reduction in porosities without any solidification crack for a certain LPBF processing window. The improved 
printability of Zr-modified AA6061 was attributed to a significant grain refinement, which would reduce the 
solidification cracking susceptibility by hampering the epitaxial growth of long columnar cracks, as observed in 
unmodified AA6061. Yield strength, tensile strength and strain-at-failure for the as-built Zr-modified AA6061 
were determined to be 210 MPa, 268 MPa, and 26.5%, respectively. These are superior to the tensile 
properties of AA6061 in O-annealed condition or in as-cast condition. After T6 heat treatment, yield strength, 
tensile strength and strain-at-failure of Zr-modified AA6061 were determined to be 300 MPa, 327 MPa, and 
14%, which were again superior to the tensile properties of wrought AA6061 in T6 heat treated condition. 
Effects of Zr addition on the buildability/printability improvement and mechanical properties of AA6061 were 
corroborated by a variety of electron microscopic characterization. 
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1. Introduction 
Aluminum alloy (AA) 6061 is used in a variety of engineering applications. For structural, automotive, and 
aerospace applications, T6 heat treated AA6061 alloys are used because of their high strength, good corrosion 
resistance, weldability, and machinability [1]. For nuclear applications, AA6061 is used as a cladding material to 
encapsulate various forms of fuel forms for research reactors including standard UAlx, U3O8, and U3Si2 dispersion 
fuel meats currently in use as well as advanced Zr laminated U-10Mo fuel in monolithic fuel 
plates [2], [3], [4], [5], [6], [7], [8], [9]. These materials may have significant applications in emerging advanced 
reactors applications (e.g. micro-reactors). Presently, AA6061 is typically used mainly in wrought form, and it is 
not readily available for the powder bed fusion (PBF) additive manufacturing (AM) due to formation of excessive 
flaws such as pores and cracks. This poor printability can be linked to the large solidification range (~141 °C) [10], 
poor melt flowability, high thermal conductivity, high coefficient of thermal expansion, and large cracking 
susceptibility [11]. Native oxide layers may also adversely affect its printability [12]. As of today, AM of Al-alloys 
is limited to the alloys with near eutectic composition e.g. AlSi10Mg [13], [14], AlSi12 [15], [16], [17], AlSi7Mg0.3 
(A356) [18], Al-10Ce [19] etc., which would exhibit good castability due to narrow solidification ranges and low 
hot tearing tendencies associated with low shrinkage of these alloys. However, these printable Al-alloys may not 
have the same application volume compared to other Al-alloys (e.g., 2xxx, 5xxx, 6xxx and 7xxx), which all suffer 
from the poor buildability/printability over a practical processing parametric range of laser PBF 
(LPBF) [20], [21], [22], [23]. 

Sonawane et al. [24] were first to investigate the cracking mechanism during LPBF processing of AA6061, and 
suggested that the solidification cracking in AA6061, propagating preferentially along the high angle grain, 
contributed towards the poor printability of AA6061. Several 
investigations [21], [25], [26], [27], [28], [29], [30] had examined the printability/buildability of AA6061 to reduce 
the solidification cracking susceptibility. These investigations were mainly focused on either minimizing 
the thermal gradient associated with LPBF to suppress the cracking associated with epitaxial grain growth or 
modify the alloy composition by the minor addition of the grain refiners to heterogeneously nucleate the fine 
grains which can better accommodate thermal and/or mechanical stresses associated with LPBF. 
Loh et al. [25] were the first to characterize additively manufactured commercial AA6061 using LPBF by 
employing the Gaussian and uniform laser beam profiles and observed cracking in the as-built microstructure. 
Fulcher et al. [21] compared the as-built commercial AA6061 to AlSi10Mg, and suggested that solidification 
cracking tendency in AA6061 would be alleviated by either running a preheat scan or heating the build-plate. 
Similar approach was adopted by Uddin et al. [29], [31] who conducted the LPBF parametric optimization for 
commercial AA6061, and used the pre-heated build-plate (500 °C) to minimize the thermal gradient which 
substantially reduced the cracking. Maamoun et al. [30] also preheated the build plate to 200 °C to fabricated 
AA6061 samples, however, cracking was observed in the microstructure along with precipitation of nano-scale Si 
particles. Qbau et al. [28] added the 0.15 wt% Sc to commercial AA6061 and reported the complete elimination 
of cracking in Sc-modified AA6061. Similarly, Opprecht et al. [27] utilized YSZ coated AA6061 powders to 
eliminate cracking during LPBF fabrication, which was motivated by the work reported by Martin et al. [26], 
wherein they suggested to coated AA6061 powders with ZrH2. 

The challenge associated with LPBF of AA6061 brings an opportunity to improve the mechanical properties of 
AA6061, albeit modified with minor alloying additions, using unique microstructural development. Build plate 
heating may permanently modify the microstructure of AA6061 by excessive precipitation of Mg/Si-rich complex 
intermetallic, and may deplete Mg/Si from the matrix, which can be later utilized to form strengthening 



precipitates (e.g. Mg2Si after T6 heat treatment). Also, build plate heating sometimes does not result in 
complete elimination of cracking [30]. Addition of Sc is highly effective in eliminating the crack, however, it is 
50–100 times more expensive than the alternative grain refiners (e.g., Zr examined in this study). Compositional 
modification by addition of compounds (e.g., ZrH2 or YSZ) requires additional powder processing. Therefore, the 
main objective of this work is to investigate the effect of LPBF processing parameters on the printability of 
AA6061 alloy and subsequent improvement in printability through composition modification by a minor alloying 
addition. In this work, compositional modification was performed by adding 1.0 wt% Zr to commercial AA6061, 
denoted as Zr-modified AA6061 hereafter in the manuscript. Powder feedstock of both unmodified and Zr-
modified AA6061 were made by gas atomization. No additional powder surface modification was carried out 
and build plate temperature was kept at 100 °C. Microstructural characteristics of as-built alloys were examined 
for both unmodified and modified AA6061 to understand the effect of Zr on improved printability. The as-built, 
Zr-modified AA6061 was subjected to a two-step T6 heat treatment to assess the tensile properties before and 
after the heat treatment, and its enhanced mechanical behavior was corroborated with microstructural 
analyses. 

2. Experimental details 
2.1. Powder fabrication 
Powder feedstock for LPBF were produced using pre-alloyed AA6061 charges. Modification of AA6061 alloy 
composition was carried out by mixing AA6061 with the Al–5 wt% Zr and Al–10 wt% Mg master alloys, with an 
aim of achieving 1 wt% Zr in AA6061 while maintaining the concentration of major alloying addition of Mg. Both 
unmodified AA6061 and Zr-modified AA6061 (i.e., AA6061 + 1 wt% Zr) powders were produced using close-
coupled gas atomization system with double-induction melting furnaces. Both unmodified and Zr-modified 
AA6061 alloy compositions were melted between 950° and 1050 °C using graphite crucibles. Molten alloys were 
poured into a pre-heated (850–1000 °C) graphite crucible with a 2–2.5 mm diameter orifice. Atomization was 
performed with an Argon gas flow at a pressure of 2.5–3.0 MPa. Gas atomized powders were mechanically 
sieved and their size distribution was measured using Beckman Coulter LSTM 13 320 laser diffraction particle size 
analyzer. 

2.2. Laser powder bed fusion 
Parametric investigation of unmodified and Zr-modified AA6061 alloys were carried out by LPBF, initially with 
12 mm square cube samples, using SLM 125HL (SLM Solutions Group AG, Lübeck, Germany). The cube samples 
were fabricated as functions of laser power and scan speed while keeping the slice thickness, hatch spacing, 
stripe pattern width and scan rotation constant. At a laser power of 200 W, samples were fabricated by varying 
the scan speed from 100 to 800 mm/s. At 350 W, cubes were fabricated by varying the scan speed from 400 to 
1800 mm/s. Throughout the sample fabrication, slice thickness and hatch spacing were held constant at 
0.03 mm and 0.13 mm, respectively. Stripe pattern width and scan rotation remained at 10 mm and 67°, 
respectively. Cube samples were built to ensure that the laser scan direction for the last melt pool was 
orthogonal to the one of the cube face, as shown in Fig. 1(a), for melt pool measurement. All cube samples were 
built on plate maintained at 100 °C, and in nitrogen gas with oxygen content below 0.2 wt%. Once the optimized 
LPBF parameters were identified for Zr-modified AA6061 without cracking, several tensile bars, as schematically 
shown in Fig. 1(b) were built parallel to the build plate (X-Y direction). 

 



 
Fig. 1. Schematic representations of (a) layer rotation in a cube sample and (b) tensile bars built as per ASTM 
E8/E8M standard. 
 

2.3. Heat treatment 
Based on the cursory characterization and density measurements, the most dense sample produced (i.e. 
1400 mm/s scan speed at 350 W laser power) was subjected to the subsequent heat treatment study to 
investigate the effect heat-treatment on the mechanical properties (i.e., hardness/tensile measurement). 
Traditional T6 heat treatment was carried out, wherein samples were initially solutionized at 500 °C for 1 h, and 
subsequently water-quenched. This temperature is also sufficient to precipitate supersaturated Al3Zr 
precipitates, and simultaneously solutionize the other alloying elements. Then samples were subsequently heat 
treated at 160 °C for 10 h to artificially age and yield fine Mg2Si precipitates. 

2.4. Mechanical testing 
Prior to the hardness measurement, all samples were metallographically polished down to 1 µm surface finish. 
Quasi-static nanoindentation testing was performed using a Hysitron™ TI Premier indenter with a Berkovich tip 
to document the mechanical behavior of the most dense LPBF specimen as a function of heat treatment steps. 
Oliver and Pharr's method [32], [33] was utilized to determine the Hardness (H) and Reduced Modulus (𝐸𝐸𝑟𝑟) by 
analyzing the unloading part of the load displacement curve. Indentation testing was carried out at 5 mN peak 
load with 10 s of loading time, 3 s of holding at the peak load and 10 s of unloading. 

Young’s modulus (E) was estimated from the reduced modulus(𝐸𝐸𝑟𝑟)  using [32]: 

(1) 

1
𝐸𝐸𝑟𝑟

=
1 − 𝜈𝜈𝑠𝑠2

𝐸𝐸
+

1 − 𝜈𝜈𝑖𝑖2

𝐸𝐸𝑖𝑖
 

where, 𝐸𝐸𝑖𝑖  is the Young’s modulus (1140 GPa) and 𝜈𝜈𝑖𝑖 is the Poisson’s ratio (0.07) of the diamond indenter tip [34], 
and 𝜈𝜈𝑠𝑠 is the Poisson’s ratio of the AA6061 (0.33). Hardness measurements were also carried out using Leco 
LV700 Vickers hardness tester at a load of 10 kgf and a dwell time of 10 s. For statistical consistency, minimum of 
twenty five indentations were carried out for nano-indentation and five indentations for Vickers hardness 
measurements for each sample. 



Six tensile bars were fabricated using LPBF process with the dimensions in compliance to ASTM standards 
E8/E8M in the horizontal build orientation using the 350 W laser power traversing at 1400 mm/s. Fig. 1(b) shows 
the dimensions of the tensile bars fabricated using LPBF process. Three tensile bars were tested without any 
heat treatment (i.e., as-built), and three were tested after T6 heat treatment. All tensile bars were grounded 
down to 1200 grit to remove supports and to obtain the surface finish necessary for digital image 
correlation (DIC) measurements. DIC system consists of a Tokina AT-X Pro macro 100 mm−f/2.8−d lens with a 
resolution of 2448 × 2048 and VIC-2D 2009 software by Correlated Solutions, Inc. The tensile testing was carried 
out quasi-statically under uniaxial loading at room temperature using an MTS universal testing machine. For 
all tensile tests, quasi-static strain rate was maintained at 5 × 10−3 s−1 and strain was recorded using DIC system 
normal to the uniaxial loading direction at 1 Hz capture frequency. Then, DIC analysis was performed using a 
virtual extensometer for individual tensile bars to obtain the Engineering stress-strain curve using applied force 
on MTS machine. 

2.5. Microstructural characterization 
Prior to microstructural characterization, density measurements were performed on all cube samples to 
measure the amount of flaws, using both Archimedes principle and image analysis. All as-built cube surfaces 
were grounded to 600 grit to remove supports and to ensure surface homogeneity for density measurements 
via Archimedes' principle. Then, as-built samples were sectioned, along build direction (i.e., XZ cross-section) 
and normal to build direction (i.e., XY cross-section), and metallographically polished down to 0.05 µm surface 
finish. A minimum five optical micrographs were obtained at 50X magnification using Olympus LEXT OLS 3000 
microscope for image analysis. Image analysis was performed using ImageJ (National Institutes of Health) to 
quantify the amount of flaws (i.e. cracks, porosity and lack-of-fusion flaws) observed on the metallographically 
polished cross-sections. By assuming that the flaw area fraction determined was equivalent to the volume 
fraction, relative density of each sample was determined. 

X-Ray diffraction (XRD) was performed using PANalytical Empyrean™ diffraction system with 1.8 kW Cu X-ray 
tube operating at 45 keV voltage and 40 mA current. A Cu-kα radiation source with wavelength of 1.54 Å was 
utilized. For each alloy sample, XRD was performed with a step size of 0.02º within 2θ range of 20°–100°, with a 
dwell time resulting in a minimum of 10,000 counts at the highest intensity peak. To observe the melt-pool and 
grain structure, as-built specimens were etched using Keller’s reagent for optical microscopy. Further 
microstructural examination was conducted using ZeissTM Ultra-55 field emission scanning electron 
microscope (FE-SEM) equipped with X-ray energy dispersive spectroscopy (XEDS). Microstructural features on 
selected samples were examined by using transmission electron microscope (FEI/Tecnai™ F30 TEM) operating at 
an accelerating voltage of 300 kV, equipped with XEDS detector and Fischione™ high angle annular dark field 
(HAADF) detector. Site-specific TEM samples were prepared using FEI™ TEM 200 focused ion beam (FIB) via in-
situ lift-out (INLO) method. Grain orientation mapping was performed using electron back scatter 
diffraction (EBSD, EDAX), with a resolution of 0.8 µm for mapping unmodified AA6061, and 0.4 µm for mapping 
the Zr-modified AA6061. 

3. Results and analyses 
3.1. Characteristics of gas atomized powders 
Table 1 reports the composition of unmodified and Zr-modified AA6061 powders measured via XEDS, and Fig. 
2 presents characteristics of gas atomized powders for both compositions. The morphology of gas-atomized 
powders, presented in Fig. 2(a) and (d), demonstrated that most of the powders exhibited near spherical 
geometry. Fig. 2(a, b) and (d, e) show the microstructure of the unmodified and Zr-modified AA6061 gas-
atomized powders, respectively. Both consisted of primary α-Al dendrites with solute-enriched interdendritic 
regions. Fig. 2(c) and (f) present the powder size distribution of the unmodified and Zr-modified AA6061 gas-



atomized powders, respectively. The average powder diameter (D), along with D10, D50 and D90 values for the 
unmodified and Zr-modified AA6061 gas-atomized powders are reported in Table 2. 

Table 1. Composition (wt%) determined by XEDS for the commercial, unmodified AA6061 and Zr-modified 
AA6061 alloy powders produced by gas atomization. 

AA6061 Al Mg Si Ti Cr Mn Fe Ni Cu Zn Zr 
Commercial Bal. 1.14 0.78 0.11 0.24 0.09 0.28 0.10 0.21 0.06 – 
Modified Bal. 0.96 0.69 0.10 0.18 0.08 0.19 0.04 0.18 0.03 0.99 

 

 
Fig. 2. Characteristics of (a–c) unmodified and (d–f) Zr-modified AA6061 alloy powders: 
(a,d) backscatter electron cross-sectional micrograph with inset of secondary electron micrograph; (b,e) high 
magnification backscatter electron cross-sectional micrograph; and (c,f) powder size distribution of gas-
atomized powders. 
 

Table 2. Powder size distribution of unmodified and Zr-modified AA6061 alloy powders. 
AA6061 Average, D (μm) D10 (μm) D50 (μm) D90 (μm) 
Unmodified 50.58 19.44 45.72 88.98 
Zr-Modified 44.27 16.92 42.59 72.81 

 

Fig. 3 presents XRD patterns from unmodified and Zr-modified AA6061 powders. Both powders mainly exhibited 
the presence of α-Al (FCC). Despite the low intensity, XRD from Al19Fe4MnSi2 phase was observed, and Zr-
modified AA6061 also showed the presence of Al3Zr phase. No Mg2Si peaks were observed in either powder. 



 
Fig. 3. X-ray diffraction patterns from unmodified and Zr-modified AA6061 powders: (a) overall patterns from 
20° to 100° in 2θ; and (b) detailed patterns from 20° to 60° in 2θ. 
 

3.2. LPBF parameters and flaw characterization 
Fig. 4 presents relative density of the as-built, (a) unmodified and (b) Zr-modified AA6061 fabricated 
using LPBF with varying laser power and scan speed. Theoretical density of unmodified and Zr-modified AA6061 
employed was 2.70 and 2.71 g/cm3, respectively. For the as-built, unmodified AA6061 alloy fabricated at 200 W, 
the relative density increased initially with an increase in scan speed from 100 mm/s, and had a maximum value 
of 97.6% at 300 mm/s, but decreased further with higher scan speed up to 800 mm/s. A similar trend was 
observed at 350 W, but starting with a very low value of relative density as presented in Fig. 4(a). The relative 
density sharply increased from 400 mm/s to 1000 mm/s, had a maxima at 97.5%, and then decreased and 
remains constant from 1000 to 1800 mm/s. 

 
Fig. 4. Relative density of the as-built, (a) unmodified and (b) Zr-modified AA6061 fabricated using LPBF with 
varying laser power and scan speed. 
 

For the Zr-modified AA6061 alloy fabricated at 200 W, the relative density first increased and then decreased as 
the scan speed varied from 100 to 800 mm/s, with the maximum density of 97.6% at 300 mm/s as presented 
in Fig. 4(b). Similarly at 350 W, density first increased as the scan speed increased from 400 mm/s to 1400 mm/s, 



had a peak value of 99.7%, and slightly decreased as the scan speed further increased to 1800 mm/s. Fig. 4 also 
presents the relative density determined by quantitative image analysis using the optical micrographs. Changes 
in relative density as a function of scan speed were similar to those determined by Archimedes’ method, but the 
magnitude of relative density was, in general, lower for the values determined by image analysis. 

Fig. 5(a) shows the XY and XZ cross-sectional optical micrographs from the as-built unmodified AA6061 as a 
function of scan speed at a laser of 200 W. Extensive cracks and porosity were observed in all samples. At lower 
scan speeds, porosity was mainly spherical due to higher energy density (i.e., keyhole porosity). The amount of 
spherical porosity decreased with an increase in scan speed, but at higher scan speeds, non-spherical/irregular 
flaws appeared due to lack of fusion (i.e., insufficient energy input). Regardless, significant cracking was 
observed at all scan speeds for unmodified AA6061 fabricated by LPBF at 200 W. In XY cross-sections, cracks 
appeared as cellular network, and the extent of the cracks decreased with an increase in scan speed. Cracks 
were oriented in the build-direction, Z, in the XZ cross-sections as shown in Fig. 5(a). 

 
Fig. 5. Optical micrographs from the XY and XZ cross-sections of the as-built (a) unmodified AA6061 and (b) Zr-
modified AA6061 at a laser power of 200 W with varying scan speed. Arrows indicate the build direction. 
 

Fig. 6(a) shows the XY and XZ cross-sectional optical micrographs from the as-built, unmodified AA6061 as a 
function of scan speed at a laser of 350 W. Similar to Fig. 5(a), all samples had extensive presence of cracks and 
porosities. The amount of porosity decreased with an increase in scan speed up to 1200 mm/s, but increased 
thereafter possibly due to transition from keyhole porosity to lack of fusion flaws [35]. Cellular network and 
vertically oriented cracks on the XY and XZ cross-sections, respectively, were present regardless of scan speed. 
However, cracking increased with higher scan speeds as presented in Fig. 6(a). 

 

 
Fig. 6. Optical micrographs from the XY and XZ cross-sections of the as-built (a) unmodified AA6061 and (b) Zr-
modified AA6061 at a laser power of 350 W with varying scan speed. Arrows indicate the build direction. 
 



Figs. 5(b) and 6(b) presents the optical micrographs from the as-built, Zr-modified AA6061 fabricated using laser 
power of 200 W and 350 W, respectively. Overall, compared to the unmodified AA6061 samples shown in Figs. 
5(a) and 6(a), a slight decrease in the amount of porosity and lack-of-fusion flaw was observed. Still, spherical 
porosity at low scan speed, and irregularly-shaped, lack-of-fusion flaws were present as a function of scan 
speed. But there is a remarkable disappearance of cracking for all LPBF parameters examined, except for minor 
crack-like features found at 1600 and 176 1800 mm/s scan speed and laser power of 350 W. 

The crack density in both unmodified and Zr-modified AA6061 was measured using the quantitative image 
analysis as presented in Fig. 7. Crack density was defined as the overall length of the crack per unit area from at 
least 5 optical micrographs from each sample, either in XY and XZ cross-section. Fig. 7(a) shows that the crack 
density in unmodified AA6061 is in general higher in XY cross-section than in XZ cross-section, and is significantly 
higher than the crack densities found in Zr-modified AA6061 at 200 W. Fig. 7(b) shows that the crack density in 
unmodified AA6061 monotonically increased with an increase in scan speed at 350 W. More importantly, similar 
to samples produced at 200 W, Zr-modified AA6061 exhibited a significant reduction in crack density. Therefore, 
the addition of Zr resulted in a significant improvement in LPBF printability/buildability of AA6061. The sample 
fabricated at the scan speed of 1400 mm/s had the highest relative density of 99.7%, and was examined in detail 
for microstructure and mechanical properties. 

 
Fig. 7. Solidification crack density in the as-built, unmodified and Zr-modified AA6061 alloys determined from 
the XY and YZ cross-sections using ImageJ as a function of scan speed using laser power of (a) 200 W and (b) 
350 W. 
 

3.3. Composition, microstructure and crystallographic texture 
Concentration of the constituent elements in as-built, unmodified and Zr-modified AA6061 alloys fabricated at 
350 W was measured using XEDS. Concentrations of the main alloying additions such as Fe, Mn, Si, Cu and Zr 
have remained relatively constant as a function of scan speed, however that of Mg varied as a function of scan 
speed. Fig. 8 shows the variation in the concentration of the Mg, Si and Zr. These would influence the formation 
of the strengthening precipitates (i.e. Mg2Si in unmodified AA6061, and Mg2Si and Al3Zr in Zr-modified AA6061). 
Concentrations of Si and Zr remained relatively constant as a function of scan speed, but that of Mg decreased 
as the scan speed decreased, both in unmodified and Zr-modified AA6061. The loss of Mg during LPBF process 
with lower scan speed (i.e., high energy density) can be attributed to the higher vapor pressure of Mg [36], [37]. 
Higher energy density associated with slower scan speed results in higher melt-pool temperature [38] and slow 
cooling rate (i.e. longer solidification time) [39]. Prolonged, high temperature would promote the vaporization of 
Mg [40]. 

 



 
Fig. 8. Variation in concentration of (a) Mg, (b) Si, and (c) Zr in unmodified and Zr-modified AA6061 alloys as a 
function of scan speed at 350 W power. 
 

Fig. 9 presents backscatter electron (BSE) micrographs from the XZ cross-sections of the as-built alloy specimens 
fabricated at 350 W power and 1400 mm/s scan speed. From the unmodified AA6061, multiple cracks were 
observed, oriented in the build direction as presented in Fig. 9(a), and large columnar grains, indicated by the 
dotted lines in Fig. 9(b), which were mostly parallel to the orientation of the cracks. Both cracks and columnar 
grains were much larger than the typical height of the melt-pool in the build direction. The high magnification 
micrograph in Fig. 9(c) depicts the region containing melt-pool boundaries which is devoid of any distinguishable 
features (e.g., dark spots are the etch pits). Fig. 9(d)–(f) present the BSE micrographs from the as-built, crack-
free Zr-modified AA6061 with equiaxed grains near melt pool boundaries as shown in Fig. 9(e) and fine columnar 
grains within melt pools as shown in Fig. 9(f). The fine columnar grains within melt pools were typically normal 
to the melt pool boundaries. 

 
Fig. 9. Backscatter electron micrographs from the XZ cross-sections of the as-built (a–c) unmodified AA6061 and 
(d–f) Zr-modified AA6061 alloys. 
 

Fig. 10 presents X-ray diffraction patterns from the unmodified and Zr-modified AA6061 alloys in both the XY 
and XZ orientations. Strong crystallographic texture was observed in both the XY and XZ cross-sections in as-
built, unmodified AA6061 for (200) peak, as seen in Fig. 10(a), corresponding to the preferential orientation of 
grains along the <100> direction. This texture was further corroborated by the EBSD grain orientation maps 
wherein large columnar grain can be observed in the build direction, which yielded a symmetric pole figure with 
a strong intensity at the center of the (001) pole figure from the XY cross-section and a strong intensity at the 
north and south poles of (001) pole figure from teh XZ cross section, as shown in Fig. 11(a) and (b), respectively. 
In LPBF, repeated melting/heating and solidification/cooling would produce thermal gradient primarily along the 
build direction (i.e. <100> direction). For cubic metal, grain growth is preferred along the <100> due to its least 
packing efficiency. Therefore, most grains grew in the build orientation along <100> crystallographic direction, 
consistent with the previous investigations of the LPBF of unmodified AA6061 [24], [27], [29] and other 
commercial Al-alloys, e.g. AA5083 [20]. A substantial reduction in preferential texture was observed in the as-
built, Zr-modified AA6061 as presented by the XRD in Fig. 10(a). Pole figure maps from the as-built Zr-modified 
AA6061 exhibited similar behavior as in unmodified alloys, however with a significantly weaker degree of 
crystallographic texture. This significant reduction in crystallographic texture would be attributed to the 



significant grain refinement effect due to development of equiaxed grains along the melt pool boundaries and 
fine columnar grains confined within melt-pools, as shown in Figs. 9(e), 9(f), 11(c) and 11(d). Fig. 11(e) shows 
that the grain size in the as-built, unmodified AA6061, ranged from 5 to 80 µm and from 8 to 130 µm in the XY 
and XZ orientations, respectively. However, with the addition of 1 wt% Zr in AA6061, grain sizes were reduced to 
0.6–10 µm and 0.7–21 µm in the XY and YZ orientations, respectively. 

 
Fig. 10. (a) XRD patterns from the as-built, unmodified and Zr-modified AA6061 alloys; (b) Details of XRD 
patterns from the XZ cross-sections of unmodified and Zr-modified AA6061 that demonstrate the development 
of relevant precipitates, Mg2Si and Al3Zr. 

 
Fig. 11. Inverse pole figure grain orientation mapping of as-built, unmodified AA6061 from the (a) XY and (b) XZ 
cross-sections; those of as-built, Zr-modified AA6061 from the (c) XY and (d) XZ cross-sections; (e) grain size 
distribution in unmodified and Zr-modified AA6061 fabricated by LPBF. 
 

Details of X-ray diffraction patterns from unmodified and Zr-modified AA6061 are presented in Fig. 10(b). In all 
patterns, α-Al matrix and Al19Fe4MnSi2 dispersoid phase were present. Our previous work [3] of AA6061 had 
comprehensively documented the microstructural characterization of the precipitates (i.e., Al19Fe4MnSi2, Mg2Si, 
in AA6061 alloy using electron diffraction studies via TEM). The presence of Al3Zr in the as-built, Zr-modified 
AA6061 was confirmed by XRD pattern. TEM investigation from the fine grain region (near the melt-pool 
boundary) suggest that the grain boundaries is decorated with the low melting intermetallic 
Al19Fe4MnSi2 compounds, as shown in Fig. 12(a). Furthermore, Al3Zr precipitates in as-built Zr-modified AA6061 
exhibits cuboidal morphology, as shown in Fig. 12(b), which is similar to the cuboidal shape of Al3Zr observed 
during LPBF of Zr-modified AA5083 [20]. The Mg2Si precipitates were not observed in both the as-built, 
unmodified and Zr-modified AA6061, presumably due thermo-kinetic environment associated with LPBF (i.e., 
supersaturated Mg and Si [41]). 



 

 
Fig. 12. High angle annular dark field (HAADF) micrographs from the fine grain region (along melt-pool 
boundary) of the Zr-modified AA6061 depicting the presence of (a) Al19Fe4MnSi2 precipitates decorated at the 
grain boundaries as indicated by arrows; and (b) cuboidal Al3Zr precipitates along with some irregular 
Al19Fe4MnSi2 precipitates in grain interior. 
 

The as-built, Zr-modified AA6061 was subjected to the standard, two-step T6 heat treatment for precipitate 
strengthening. LPBF samples were first solutionized at 500 °C for 1 h and then artificially aged at 160 °C for 10 h. 
Solution heat treatment at 500 °C would help in precipitating the additional Al3Zr phase, while solutionizing the 
other alloying additions. Although the ideal temperature to precipitate Al3Zr (L12) from α-Al matrix is 
approximately 400 °C for 2 h [42], this would result in simultaneous precipitation and excessive growth of the 
Mg2Si precipitates based on pseudo-binary phase diagram between Mg2Si and α-Al [41]. The 
subsequent artificial aging heat treatment at 160 °C would not result in any significant growth of Al3Zr due to its 
small diffusivity (D�Al Zr⁄

int,Al3Zr≈ 6.1 × 10−21 m2/s at) at 160 °C [7] which corresponds to diffusion distance of about 

15 nm ��D�Alint𝑡𝑡� in 10 h. The XRD pattern from the T6 heat-treated, Zr-modified AA6061 is presented in Fig. 

10(b). The emergence of Mg2Si precipitates and an increase in relative intensity of Al3Zr (100) are clear. The 
presence of Al3Zr (100) peak suggested that the T6 heat treated Al3Zr had L12 crystal symmetry, which would 
contribute towards strengthening. 

3.4. Mechanical properties 
Table 3 reports the hardness determined from Vickers and instrumented-indentation for the as-built and heat 
treated Zr-modified AA6061. Hardness values were approximately similar for the samples that were as-built and 
solution heat treated (SHT). Presence of residual stress associated with LPBF would contribute significantly to 
the hardness for the as-built sample [43]. So, the hardness should decrease after SHT due to stress-relieving 
effect and homogenization. However, for the LPBF Zr-modified AA6061, hardness remained similar presumably 
due to additional precipitation of Al3Zr during solutionizing at 500 °C. Subsequent artificial aging at 160 °C for 
10 h resulted in the precipitation of Mg2Si, which increased the hardness of Zr-modified AA6061 as reported 
in Table 3. Fig. 13(a) shows the load-displacement curves from the different heat treated conditions of the Zr-
modified AA6061. The penetration depth is maximum for the SHT samples which corresponds to the minimum 
hardness and minimum for the T6 heat treated samples which corresponds to the maximum hardness, which is 
in accordance with hardness data, provided in Table 3. 

Table 3. Comparison of Vickers (VHN) and instrumented-indentation hardness (H) of LPBF fabricated Zr-modified 
AA6061 in the as-built condition, after solution heat treatment, and after artificial aging according to the 
standard, two-step T6 heat treatment. 

Heat treatment condition Vickers Nano-indentation   



 
VHN (Hv) H (GPa) Er (GPa) E (GPa) 

as-built 88.6 (0.4) 1.34 (0.1) 77.0 (3.0) 73.5 (3.0) 
After SHT at 500 °C for 1 h 87.4 (0.6) 1.28 (0.1) 77.3 (2.4) 73.9 (2.4) 
After aging at 160 °C for 10 h 111.7 (0.7) 1.65 (0.1) 77.0 (3.1) 73.5 (3.2) 

 

Fig. 13(b) presents the engineering tensile stress-strain curves for the as-built and T6 heat treated Zr-modified 
AA6061 alloy produced with laser power of 350 W and scan speed of 1400 mm/s. Both the as-built and T6 heat 
treated tensile specimens initially deformed elastically, and then strain hardened until fracture. The as-built, Zr-
modified AA6061 had yield strength (YS, 𝜎𝜎0.2) of 209–212 MPa and ultimate tensile strength (UTS) of 267–
269 MPa with an elongation at fracture (El%) of 25.3–27.6%. After T6 heat treatment, YS increased to 290–
308 MPa and UTS improved to 318–335 MPa with the reduction in El% to 13.2–14.2%. Numerical results from 
the tensile testing are reported in Table 4. 

 
Fig. 13. (a) Load-displacement curves and (b) engineering stress-strain curves of LPBF Zr-modified AA6061 alloy 
in the as-built and heat-treated conditions. 
 

Table 4. Room temperature tensile properties for LPBF Zr-modified AA6061 in the as-built condition and after T6 
heat-treatment along with comparison to other reported values for AA6061. Standard deviation in property is in 
parenthesis. 

Heat treatment YS (MPa) UTS (MPa) El (%) E (GPa) Reference 
As-built Zr-modified AA6061 210.3 (1.1) 268.1 

(0.5) 
26.5 
(0.9) 

70.1 
(0.3) 

This study 

T6 heat-treated Zr-modified 
AA6061 

299.8 (7.2) 327.3 
(6.8) 

13.9 
(0.4) 

70.0 
(0.3) 

This study 

As-cast AA6061 60–120 150–250 12–
15 

68.9 [44] 

O-annealed wrought AA6061 55 125 25 68.9 [44] 
T6 heat-treated wrought AA6061 276 310 12 68.9 [44] 
As-built AA6061 printed on 
200 °C heated build plate 

246.7 392 3.9 – [30] 

As-built AA6061 printed on 
500 °C heated build plate 

60 140 15 – [29] 

T6 heat treated printed on 
500 °C heated build plate 

280 310 3.5 – [29] 

As-built Sc-modified AA6061 300 350 31 – [28] 
YSZ-modified AA6061 Mechanical properties were 

not investigated 
   [27] 

ZrH2 modified AA6061 
 

   [26] 
 



Table 4 also compares reported tensile properties of traditionally fabricated wrought AA6061 after various heat 
treatments [44] and additively manufactured AA6061 [26], [27], [28], [29], [30]. In the annealed condition (O), 
AA6061 exhibits the highest elongation up to 25%, and this is comparable with the elongation in the as-built 
condition of Zr-modified AA6061 (up to 27.6%). However, the as-built Zr-modified AA6061 has significantly 
higher YS (> 3X) and UTS (> 2X) than the AA6061 in O-annealed condition. After T6 heat treatment, LPBF Zr-
modified AA6061 exhibited higher YS and UTS than the T6-treated wrought AA6061. The as-built AA6061 
fabricated on the pre-heated build plate at 200 °C yielded high YS of 247 MPa and UTS of 392 MPa, but a 
substantially low fracture strain ~3.9% [30]. When the build plate was preheated to 500 °C, YS and UTS were 
reduced to 60 MPa and 140 MPa, respectively, with a fracture strain ~15% [29]. Subsequent T6 heat treatment 
of LPBF AA6061 that was printed on a 500 °C heated build plate improved the YS and UTS to 280 MPa and 
310 MPa, respectively, but further reduced the fracture strain down to 3.5% [29]. Interestingly, the as-built Sc-
modified AA6061 exhibited excellent YS and UTS of 300 MPa and 350 MPa, respectively, in addition to a high 
fracture strain of 31%. 

Fig. 14 shows the fractured surfaces from the as-built and T6 heat-treated Zr-modified AA6061 alloy. In the as-
built alloy, fractured surface consisted of large dimples and cleavage facets, while in T6 heat treated alloy, much 
smaller dimples were present. These features are indicative of ductile fracture, and the larger dimples found in 
as-built samples may be related to higher ductility [45]. 

 
Fig. 14. Secondary electron micrographs of the fracture surfaces from the (a, b) as-built and (c, d) T6 heat 
treated Zr-modified AA6061 alloy. 
 

4. Discussion 
4.1. Cracking in AA6061 
Unmodified AA6061 with Si and Mg as major alloying additions falls under the category of the Al-Si-Mg based 
alloys. Present investigation demonstrated that the unmodified AA6061 composition suffers from the poor 
printability/buildability. The AlSi10Mg alloy, which is also Al-Si-Mg based alloys, exhibits 
excellent LPBF printability/buildability [13]. Compositionally, AA6061 and AlSi10Mg have a similar Mg content of 
0.8–1.2 and 0.2–0.45 wt%, respectively, but substantially different Si content, e.g., 0.4–0.8 wt% Si in AA6061 
versus 9–11 wt% Si in AlSi10Mg. Excellent printability of AlSi10Mg is often attributed to the melt 
flowability/fluidity, low shrinkage and narrow solidification range associated with 
near eutectic composition [13]. Therefore, Al-Si based alloys with near-eutectic compositions are in general 



compliant with power bed fusion based AM technologies [21]. Hyer et al. [17], [46] conducted a systematic 
investigation on the printability of the Al-Si alloys as a function of Si content, and observed that alloys with ~0.5–
1.0 wt% Si exhibited the maximum solidification cracking susceptibility tendency. Solidification cracking 
tendency was maximum for other alloys with compositions of: 0.3–0.4% Fe, 0.5% Mg, 0.5% Si and 0.15% Ti [47], 
which also aligns well with the composition of the unmodified AA6061. In fact, AA6061 exhibits maximum 
solidification cracking susceptibility among many commercial Al-alloys e.g. AA7075, AA 2219, AA2024 etc. [10]. 

Solidification cracking is frequently associated with the shrinkage from liquid-to-solid transformation, which is 
reported to be 6.6% for Al [48]. Near the terminal stage of the solidification, solute enriched melt would be 
highly unstable and undercooled, which would produce local interdendritic channels with a thin layer of trapped 
liquid [49] and the mushy zone. During LPBF of unmodified AA6061, the grain boundaries would be decorated 
with low melting Al, Fe, Mn, Si rich intermetallic compounds due to solute segregation (e.g., Fig. 12(a)), and 
result in thin continuous semi-solid liquid film, due to thermal gradient, between adjacent, long columnar grains. 
Furthermore, due to the highly localized nature of melting and faster cooling rates associated with LPBF, the 
associated shrinkage can be classified as obstructed shrinkage, which would induce tensile stresses in the mushy 
zone. 

The microstructure of LPBF-fabricated, unmodified AA6061 exhibited long columnar grains, as shown in Fig. 9(a) 
and (b) along the build direction, which also corresponds to <100> and the direction of thermal gradient. These 
large columnar grains spanned over a minimum of two to three melt-pool layers, which demonstrate 
the epitaxial growth of grains with successive melting [20]. These large columnar grains would be inadequate to 
accommodate the tensile strains generated during obstructed shrinkage [50]. Moreover since the mushy zone 
has limited ductility [10], these tensile stresses would shear/tear the mushy melt apart during the terminal 
stages of solidification, resulting in cracks. Sonawane et al. [24] suggested that the cracks in AA6061 
preferentially develop near the center of the melt-pool at high-angle grain boundaries (HAGBs) 
with misorientation angle greater than 15°, while low-angle grain boundaries and/or HAGBs away from the 
center of the melt pool remain un-cracked. Nucleation of the crack at the central region of the melt-pool at 
the high angle boundaries can occur due to the high pressure drop of the solidifying liquid flowing in the HAGBs. 
More details on the cracking mechanism of commercial AA6061 and the influence of LPBF processing 
parameters on cracking susceptibility in AA6061 have been reported by Sonawane et al. [24]. Furthermore, Fig. 
9(a), 9(b), and 11(b) also show the solidification cracks with substantial thickness, spread over multiple melt-
pool layers. This observation suggests that the initially nucleated cracks grew epitaxially with successive melting 
along the long columnar grain-boundary. 

Kou and co-workers [10], [51], [52], [53] suggested that smaller dihedral angles associated with long columnar 
grains has a deep crack channel, as illustrated in Fig. 15, which needs to be filled with liquid during subsequent 
melting to avoid crack growth. Thus, directional or epitaxial tendency of the solidification crack growth is largely 
motivated by the inability of molten AA6061 to refill the pre-existing crack from the previous layer, owing to its 
poor melt fluidity and faster cooling rates associated with LPBF [52]. If the cracks are not healed by the liquid, 
then it can act as the seed for further crack growth during LPBF. Epitaxially grown cracks would often be 
deflected by the new melt-pool layer, and generally grow normal to the tangent of the melt-pool boundary as 
shown in the Fig. 9(a). This process would continue with the subsequent addition of new layer, and the growth 
front of the crack would eventually close after multiple deflections at the melt-pool boundary. There were also 
many small narrow cracks, oriented along the build direction, confined within a melt-pool. In this case, the 
molten AA6061 from the subsequent melting of the next powder layer was able to cover the top end of the 
crack and solidify before it refilled the pre-existing cracks. 

 



 
Fig. 15. Schematic representations of dihedral angle (𝜙𝜙) of grains in (a) unmodified and (b) Zr-modified AA6061. 
 

Kou and co-workers [10], [51], [52], [53] also developed the criteria for predicting the crack susceptibility using 
the alloy solidification curve (T vs. fs

1 2⁄ ) based on the Gulliver and Scheil model [54]. In this model, steepness of 
the solidification curve at the terminal stages of the solidification (fs → 1) is directly related to the crack 
susceptibility of an alloy. Fig. 16 presents the solidification curves for the unmodified and Zr-modified AA6061, 
and shows that the addition of Zr does not change the solidification curve [26], [55] as fs → 1. Thus the 
unmodified AA6061 and Zr-modified AA6061 have similar crack susceptibility [51]. However, Figs. 7, 9, 
and 11 shows that cracking in Zr-modified AA6061 is completely eliminated, which would be due to changes in 
its liquid metal property and grain refinement effect. Zr in Al-alloys is known to reduce the solid/liquid interfacial 
energy and decrease the surface tension of liquid melt owing to its surface active properties [56]. Surface 
tension (γ) of the melt-pool can be related to the dynamic viscosity (µ) of the liquid melt by [57]: µ =
16 15⁄ �𝑚𝑚 𝑘𝑘𝑘𝑘⁄ γ, where m is the atomic mass, T is the melt temperature, and k is the Boltzmann constant. 
Therefore, addition of Zr (i.e., surface active element) also correspond to the reduction in the viscosity of the 
liquid melt, which would allow the flow of the melt through the crack channel. Furthermore, lowering in surface 
tension can also reduce the thermal gradient in the liquid melt [55]. 

 
Fig. 16. Solidification curves of unmodified and Zr-modified AA6061, constructed with the help of Thermo-
CalcTM software using TCAL7 thermodynamic database. 
 



The Zr concentration in the Zr-modified AA6061 was approximately 1 wt%. This is higher than the solubility 
limit of Zr in Al based on the binary Al-Zr phase diagram [58]. Therefore, Zr-modified AA6061 alloy, examined in 
this work, is deliberately designed to form pro-peritectic Al3Zr during solidification. Figs. 9(e), 9(f), 
and 11 demonstrate the significant grain size reduction in as-built, Zr-modified AA6061 along with the formation 
of Al3Zr. The Al3Zr has the highest melting temperature among all the precipitates observed in Zr-modified 
AA6061, and the amount of Zr added was intended to change the primary phase to solidify Al3Zr first, and not 
the α-Al (fcc) and/or Al19Fe4MnSi2 phase. Glerum et al. [59] had demonstrated via high-speed in situ synchrotron 
X-ray imaging and diffraction during the LPBF of Al-1.5Zr alloy, that the Al3Zr phase forms in the Al-rich molten 
melt-pool with L12 crystal symmetry. The L12 Al3Zr would impart low energy of nucleation barrier for 
the heterogeneous nucleation of α-Al grains in a liquid melt-pool because of similarity in crystal structure and 
lattice parameter of L12 Al3Zr and α-Al. The primary Al3Zr particles would typically form at the bottom of the 
melt-pool (i.e., boundary) where the solidification front velocity is slow [20], and act as a nucleation site for the 
formation of fine grains. Therefore, fine equiaxed grains were observed along the melt-pool boundary. 
Relatively faster solidification front velocity in the middle and the near-the-top of the melt-pool would result 
in supersaturation of Zr in α-Al [60]. This yields shorter columnar grains orthogonal to the melt-pool boundary. 
The columnar grains in Zr-modified AA6061 were significantly shorter/smaller than in unmodified AA6061 and 
were all confined within a melt-pool, because with the melting of subsequent powder layer, band of small 
equiaxed fine grains would form at the bottom of the next melt-pool along the melt pool boundary, which 
would disrupt the epitaxial development of large, columnar grains. 

The shorter columnar grains in Zr-modified AA6061 correspond to relatively larger dihedral angles and shallow 
liquid channel between two adjacent grains. Fine equiaxed grains have the largest dihedral angle, as 
schematically presented in Fig. 15. For the Zr-modified AA6061, it would be easier to refill the shorter crack 
channels between adjacent grains [52] with the less-viscous molten liquid. Furthermore, fine equiaxed grains 
can accommodate tensile strain more efficiently than the long columnar grains [50], and thus resistant to 
solidification cracking. For the samples fabricated with optimized LPBF parameters, columnar grains growing on 
top of the band of small equiaxed grains (confined within a melt-pool) may exhibit misorientation lower than 
15°, and thus without cracking [24]. 

In addition, even if any pre-existing cracks have not been healed by the molten metal, formation of fine grains at 
the melt-pool boundaries would suppress any propagation of the solidification cracking beyond individual melt-
pools. Fig. 5, Fig. 6, Fig. 7 show that cracks were eliminated, except for minor cracking observed when higher 
laser scan speed (≥ 1600 mm/s) was used at a laser power of 350 W. This may be due to a faster cooling rate 
associated with a higher scan speed, which could yield more supersaturation of Zr in α-Al matrix (i.e., lower 
amount of Zr available to form Al3Zr inoculation). Moreover, faster cooling would result in solidification of liquid 
melt before refilling the pre-existing cracks. Additional details for the mechanism of grains refinement and crack 
suppression in Zr-modified Al-alloys can be found in the work of Zhou et al. [20]. 

4.2. Porosities and flaws in AA6061 
Figs. 5(a) and 6(a) show that the porosity and/or flaws in unmodified AA6061 is related to the scan speed. The 
amount of porosity and/or flaws generally decreased with an increase in scan speed to achieve a minima at 
intermediate scan speeds, but increased thereafter with a further increase in scan speed. In this work, scan 
speed was varied at a constant laser power, therefore, percentage flaws can be related to the energy density, 
which is inversely related to the scan speed, and examined with respect to the melting mode (i.e. keyhole or 
conduction mode on the basis of study by Qi et al. [35]). At 350 W laser power and 400 mm/s scan speed, a 
significant amount of porosity was observed due to the very high energy density (224.3 J/mm3), which would 
generate the highest melt temperature and the deepest laser penetration. This would result in the trapping of 
pores at the bottom of the deep melt-pool after solidification (i.e., keyhole mode). As the energy density 



decreased from 224.3 J/mm3 (at 400 mm/s), fraction porosity decreased to a minimum at an energy density of 
64.1 J/mm3 (at 1400 mm/s). With a further decrease in energy density, lack-of-fusion flaws increased due to 
insufficient laser energy, which may possibly correspond to the either conduction mode or transition between 
keyhole to conduction mode. A similar trend was observed for the Zr-modified AA6061. Specimen fabricated 
with an energy density of 64.1 J/mm3 (at 1400 mm/s) exhibited the least porosity. The overall amount of 
porosity and/or flaws in Zr-modified AA6061 was, however, lower than that in unmodified AA6061. Zhou et 
al. [20] suggested that this may be attributed to the change in properties such as melting point, melt 
viscosity, thermal conductivity and laser absorptivity. 

4.3. Mechanical properties 
Yield strength of Zr-modified AA6061 alloy was higher than traditionally manufactured wrought AA6061 alloy 
after T6 heat treatment with similar ductility as shown in Table 4. AA6061 is a precipitation hardenable 
alloy strengthened by the formation of Mg2Si precipitates after T6 heat treatment. In Zr-modified AA6061, both 
the Al3Zr and Mg2Si would contribute to the strengthening. Ideally, heat treatment at 400 °C for 2 h is 
recommended to strengthen the α-Al matrix with metastable L12 Al3Zr precipitates [20], [42], however this 
would simultaneously precipitate and coarsen the Mg2Si in AA6061. Therefore, SHT was initially conducted at 
500 °C for 1 h to solutionize Mg2Si and simultaneously artificially age the metastable Al3Zr. 

Precipitation strengthening are governed by either the Orowan dislocation bypassing mechanism or dislocation 
shearing mechanism [61]. In the Orowan mechanism, increase in yield strength occurs when the moving 
dislocation is required to loop around the obstructing coherent precipitate. This increase in yield strength is 
expressed by [61], [62]: 

(2) 

𝛥𝛥𝜎𝜎𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜 = 𝑀𝑀
0.4𝐺𝐺𝐺𝐺
𝜋𝜋√1 − 𝜈𝜈

ln (2𝑟̅𝑟/𝑏𝑏)
𝜆𝜆𝑝𝑝

 

where M is the Taylor mean orientation factor for the FCC Al (3.06), G is the shear modulus of Al (25.4 GPa), b is 
the burger’s vector (𝑎𝑎𝑜𝑜√2) in Al (2.86 Å), 𝜈𝜈 is the poisson’s ratio of Al (0.334) and 𝑟̅𝑟 is the average size 
precipitate cross section in random plane, 𝑟̅𝑟 = �2 3⁄ 𝑟𝑟, and r is the radius of the precipitate. The 𝜆𝜆𝑝𝑝 represents 
the inter-precipitate spacing, which can be estimated from: 𝜆𝜆𝑝𝑝 = 2𝑟̅𝑟(�𝜋𝜋/4𝑓𝑓 − 1), where f is the volume 
fraction of the precipitates. 

In dislocation shearing mechanisms, an increase in yield strength is contributed by three 
factors: coherency strengthening (𝜎𝜎cs), modulus mismatch strengthening (𝜎𝜎ms) and ordering strengthening 
(𝜎𝜎os). Coherency strengthening and modulus mismatch strengthening mechanisms operates before the 
dislocation shears the precipitates, while ordering strengthening operates during shearing the precipitates. 
Coherency strengthening (𝜎𝜎cs) is associated with the difficulty in dislocation motion due to strain-field 
interaction, and the resulting change in yield strength can be estimated by [61], [62]: 

(3) 

𝛥𝛥𝜎𝜎𝑐𝑐𝑐𝑐 = 𝑀𝑀𝛼𝛼𝜀𝜀(𝜀𝜀𝑐𝑐𝐺𝐺)3 2⁄ �
2𝑟𝑟𝑟𝑟
𝐺𝐺𝐺𝐺

�
1 2⁄

 

where αε is a constant (2.6), 𝜀𝜀𝑐𝑐 is the constrained lattice misfit, 𝜀𝜀𝑐𝑐  =   (2/3)𝛥𝛥𝛥𝛥/𝑎𝑎. Modulus mismatch 
strengthening (𝜎𝜎ms) arises due to difference between the shear modulus of the matrix and coherent phases, 
and the due change in yield strength can be expressed by [61], [62]: 



(4) 

𝛥𝛥𝜎𝜎𝑚𝑚𝑚𝑚 = 0.0055𝑀𝑀𝑀𝑀𝐺𝐺3 2⁄ �
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�
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where ΔG is the difference in the shear moduli of Al and precipitate, and m is a constant (0.85). Ordering 
strengthening (𝜎𝜎os)) is associated with an energy increase required for moving dislocation to shear the 
precipitate, and is described by [61], [62]: 

(5) 

𝛥𝛥𝜎𝜎𝑜𝑜𝑜𝑜 = 0.81𝑀𝑀�
𝛾𝛾𝐴𝐴𝐴𝐴𝐴𝐴
2𝑏𝑏

� �
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where 𝛾𝛾APB is the antiphase boundary energy of the interface between Al and precipitates, which was estimated 
to be 0.445 and 0.260 for Al3Zr [20] and Mg2Si [63], respectively. 

Contribution from the precipitation strengthening is typically estimated by the minimum value 
of Δ𝜎𝜎𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜𝑜, Δ𝜎𝜎𝑐𝑐𝑐𝑐 + Δ𝜎𝜎𝑚𝑚𝑚𝑚, and Δ𝜎𝜎𝑜𝑜𝑜𝑜 [64]. At smaller radii, ordering strengthening mechanism dominates, while 
at larger radii, Orowan mechanism dominates. For the composition of the alloy fabricated at the laser power of 
350 W and 1400 mm/s, the maximum volume fraction of the Al3Zr and Mg2Si was estimated to be 0.015 and 
0.012 according to equilibrium phase diagrams (i.e., Al-Zr and Al-Mg2Si). Amount of Mg in the as-built alloy 
(~0.8 wt%) was lower than the nominal 1 wt% Mg in AA6061, and some Si would have been consumed by the 
formation of Al19Fe4MnSi2 phase: these would yield lower fraction of Mg2Si. The as-built Zr-modified AA6061 
contained the Al3Zr phase as the primary solidification phase (i.e., grain refinement) and as precipitates 
developed by T6 heat treatment as shown in Fig. 10(b). In addition, an ideal heat-treatment for the aging of Al3Zr 
should have been 400 °C or lower for 1–10 h. Therefore heat treatment at 500 °C to completely solutionize 
Mg2Si would reduce the strengthening contribution by Al3Zr. Therefore, in this estimation, a 50% reduction in 
the precipitation strengthening by both the Al3Zr and Mg2Si was considered. 

Fig. 17 shows the estimated precipitation strengthening contributions from the Al3Zr and Mg2Si phases. 
Maximum possible increase in strengthening would be 175 MPa for 1–3 nm radii Al3Zr precipitates, and 60 MPa 
for 1–15 nm radii Mg2Si precipitates. Tzeng [65] examined the microstructure of as-cast Zr-modified AA6061 
alloy after similar T6 heat treatment, and reported the radii of Mg2Si needles as 3–5 nm and Al3Zr precipitates as 
4–8 nm. Therefore based on radii measurements, Mg2Si and Al3Zr precipitates would mainly contribute by 
ordering and Orowan mechanisms, respectively [66]. By using the similar radii of Mg2Si and Al3Zr, the overall 
increase in yield stress (Δσy) would be 140–185 MPa. However the increase in 𝜎𝜎𝑦𝑦 after T6 heat treatment was 
only 90 MPa as reported in Table 4. 

 
Fig. 17. Estimated contributions from various precipitation strengthening mechanisms on the increase in yield 
strength as a function of (a) Al3Zr and (b) Mg2Si precipitate radius. 
 

Experimentally observed 𝛥𝛥𝛥𝛥𝑦𝑦 after T6 heat treatment was significantly lower than that estimated by the 
theoretical models for Zr-modified AA6061. This may be due to a substantial reduction in the dislocation 



density after T6 heat treatment. Dislocation density (𝜌𝜌) can be measured using Dunn and Koch equation given 
by [67]: 

(6) 

𝜌𝜌 =
𝛽𝛽ℎ𝑘𝑘𝑘𝑘2

𝑘𝑘𝑏𝑏2
 

where βhkl is the full-width at half maxima (FWHM) of the XRD peak, b is the burgers vector and k is the constant 
(2πln2 for metals). The dislocation density in as-built and T6 heat treated LPBF AA6061 was estimated to be 
1013 m−2 and 1012 m−2, respectively, from the XRD patterns presented in Fig. 3. The T6 heat treatment lowered 
the dislocation density by approximately an order of magnitude in Zr-modified AA6061. Therefore, an 
optimization of heat-treatment to maximize the precipitation strengthening in LPBF Zr-modified AA6061 would 
be of interest for future studies. 

5. Conclusions 
Printability/buildability of unmodified AA6061 and modified AA6061 with 1 wt% Zr was examined as functions 
of LPBF laser power (200 and 350 W) and scan speed (100~1800 mm/s) using gas atomized alloy powders. The 
microstructure of unmodified AA6061 exhibited significant cracking and flaw formation at all LPBF parameters. 
Minor addition of 1 wt% Zr in AA6061 eliminated the cracking and substantially reduced the porosity so that the 
LPBF can be employed to additively manufacture Zr-modified AA6061 alloys. A laser power of 350 W, scan speed 
of 1400 mm/s, hatch spacing of 130 µm and slice thickness of 30 µm was identified as optimum LPBF parameter 
for Zr-modified AA6061 with the highest relative density greater than 99.7%. 

Microstructure of unmodified AA6061 made by LPBF exhibited large columnar grains with <001> orientation in 
the build direction, which were also parallel to the intergranular cracks. However, Zr-modified AA6061 consisted 
of fine equiaxed grains along the melt-pool boundaries and the small columnar grains within individual melt 
pools. The addition of Zr resulted in primary solidification of fine Al3Zr particles that acted as a heterogeneous 
nucleation sites, particularly at the melt-pool boundaries and promoted the formation of fine grains. This 
inhibited the epitaxial growth of large columnar grains and cracks found in unmodified LPBF AA6061. Tensile 
properties of dense, Zr-modified AA6061 produced by LPBF were superior to annealed or as-cast AA6061. 
Subsequent T6 heat treatment of LPBF Zr-modified AA6061 further improved the tensile properties with 
precipitation strengthening by Mg2Si and Al3Zr phases, which were also superior to the T6 heat treated wrought 
AA6061. 
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